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In-situ tensile tests under neutron diffraction at 364 and 506 ℃  were performed on a NiAl-

strengthened ferritic alloy to explore the load partitioning between the matrix and precipitates 

during deformation. The deformed microstructure was characterized by the transmission electron 

microscope. At 364 ℃, load transfers to precipitates from the matrix anisotropically on the grain 

scale. The lattice strain of <100>-oriented precipitates relative to the loading direction is 

approximately four times as much as that in <111>-oriented ones. The experimental results are 

compared with the Eshelby model and crystal-plasticity finite element analysis. Excellent 

agreement between the experimental result and finite element modeling has been found at 364 ℃. 

However, load relaxation around NiAl-type precipitates occurs at 506 ℃, which is probably due to 

the local thermally-activated dislocation rearrangement. Effects of the load partitioning among 

constituent phases on the high-temperature creep deformation have been discussed.   
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Most engineering materials contain multiple phases. Generally, the strengthening effects in materials 

containing reinforced phases originate from two aspects: (1) impeding the dislocation movement by the 

interaction with reinforcements through mechanisms, e.g., the dislocation cutting, Orowan bowing, and 

dislocation climb [1, 2]; (2) load-carrying capability of stiff reinforcements due to elastic and plastic 

misfit [3-6]. For metal-matrix composites (MMCs), the first strengthening effect is probably negligible 

due to the large inter-particle distance. The extent of the load partitioning is associated with factors, e.g., 

the reinforcement volume fraction, morphology, and orientation. If the thermally-activated movement 

gets involved, the load on reinforcements tends to relax [3, 7-9]. It is usually difficult to distinguish 

separated roles of each phase by only considering the macroscopic stress-strain data. By combining with 

modeling and electron microscope, diffraction method services as a powerful tool to reveal the load 

partitioning [6, 10-12] and deformation mechanisms [13-16] in engineering materials.  

Coherent B2 NiAl-type precipitates (β) are employed to strengthen the α-iron matrix (α) for elevated-

temperature applications in power plants [17-20]. The load transfer efficiency between α and β strongly 

affects the creep resistance of NiAl-strengthened ferritic alloys. The objective of this paper is to 

investigate the load transfer and relaxation between α and β during tensile tests through in-situ neutron 

diffraction. The experimental results have been compared with the Eshelby model and crystal-plasticity 

finite element (FE) analysis. The transmission electron microscope (TEM) has been employed to study 

the microstructures of virgin and deformed specimens. This study will provide new insights in developing 

multiphase alloys or composites.   

Results 

Typical β morphology is shown in Figure 1. Precipitates are spherical, suggesting small coherency strain 

between the matrix and precipitates. The average precipitate size is around 108 nm [21] with the volume 

fraction of ~ 15 – 16% [19]. β is not chemical stoichiometric and displays solubility of other elements. 

Teng et al. reported the β composition as Ni41.2Al43.6Fe12.7Cr0.8Mo1.4 for the specimen aged for 100 h at 

700 ℃. Contrast is presented within each precipitate, which is probably due to the nano-sized iron-rich 

disordered phase forming during the cooling process [19]. Similar phenomenon is also reported by Vo et 
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al [20]. The superlattice reflections from ordered B2 precipitates (e.g., 100, 111, and 210) are observed, 

besides the well-overlapped fundamental peaks, which are common for α and β (see Supplementary 

Figure S1). The lattice mismatch between α and β is determined to be ~ 0.1% – 0.14% at 364 and 506 ℃.  

The nominal tensile stress-strain curves at 364 and 506 ℃ are plotted in Figure 2. Total 14 steps (the load 

control: 10, 100, 200, 300, 400, 500 and 600 MPa; the strain control: 0.81%, 0.91%, 1.02%, 1.23%, 

1.43%, 1.64%, and 1.85% ) were used at 364 ℃, while 13 steps at 506 ℃ (the load control: 10, 100, 150, 

200, 250, 300 and 350 MPa; 0.29%, 0.50%, 1.02%, 1.80%, 2.84%, and 3.88%). The specimen yielded at 

the stress between 500 to 600 MPa at 364 ℃, and 450 to 500 MPa at 506 ℃. In the plastic regime, the 

applied load decreases during the 30-min neutron counting period with a fixed crosshead. The decay is 

more pronounced at 506 ℃. The stress-time curves of the first stress decay for both tests are included in 

Figure 2. The stress drops rapidly from 643 to 627 MPa at 364 ℃ and from 467 to 458 MPa at 506 ℃ in 

24 seconds. The stress decay rate gradually slows down in both cases, and the applied stress approaches 

605 MPa at 364 ℃ and 430 MPa at 506 ℃ at the end. The average stress (shown as red spots in Figure 2) 

at 364 ℃ linearly goes up from 611 to 725 MPa as the strain increases from 0.81% to 1.85%, while the 

average stress at 506 ℃ saturates around ~ 531 MPa. The diffraction pattern evolves as the test going. 

Since both phases have similar elastic stiffness [17, 22], the fundamental reflections remain overlapped in 

the elastic regime. However, they gradually separate upon plastically loading, indicating load transfer to β 

from α. The extent of the peak separation strongly depends on the orientation. An example of the peak 

separation is given in the inset of Figure 2(a). The overlapped (200) peak position before loading is 

1.4472 Å, while it becomes separated and the peak positions are 1.4560 (α) and 1.4728 Å (β) at the strain 

of ~ 1.85%.  

The evolutions of lattice strains (i.e., 𝜀𝑃,100, 𝜀𝑃,111, 𝜀𝑃,210, and 𝜀𝑀) at 364 ℃ are shown in Figures 3 as 

functions of the initial applied stress and macrostrain. 𝜀𝑀 responses linearly with the applied stress till 500 

MPa as expected by materials obeying Hooke’s law. The elastic modulus is determined to be ~ 158 GPa 

by fitting the stress vs. lattice strain. Afterwards (σ > 500 MPa or ε > 0.34%), 𝜀𝑀 remains essentially 
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constant at ~ 0.38%. The 𝜀𝑃,ℎ𝑘𝑙 evolution strongly depends on their crystalline orientations relative to the 

loading direction in both elastic and plastic regimes. The diffraction elastic moduli of β in <100>, <111>, 

and <210> directions are estimated to be 109, 228, and 154 GPa, respectively. The load transfers to 

precipitates upon the plastic deformation. 𝜀𝑃,100 and 𝜀𝑃,210 continue to increase in the plastic regime. It 

seems that the linear relationship between the lattice strain and macrostrain holds [Figure 5(b)]. The 

slopes are ~ 0.69 and 0.44 for 𝜀𝑃,100 and 𝜀𝑃,210, respectively. On the contrary, 𝜀𝑃,111  increases much 

slower if any and remains ~ 0.42%. Finally, 𝜀𝑃,100 reaches as high as 1.62% at the macrostrain of 1.86%, 

which is approximate four times as much as 𝜀𝑃,111. The FE modeling results are in excellent agreement 

with the experimental data. It confirms that precipitates deform elastically in this case. The stress on 

precipitates in the loading direction reaches ~ 1.25 GPa at the end of the test based on the model.  

The evolutions of 𝜀𝑃,100, 𝜀𝑃,111, 𝜀𝑃,210, and 𝜀𝑀  at 506 ℃ are shown in Figures 4 as a function of the 

macrostrain. The behavior in the elastic regime follows the same trend as that at 364 ℃. In the plastic 

regime, 𝜀𝑀 almost stays constant at ~ 0.35%, and even slightly decreases as the macrostrain increases. 

𝜀𝑃,100 and 𝜀𝑃,210 increase at the beginning, and gradually saturate at 1.3% for 𝜀𝑃,100 and 0.84% for 𝜀𝑃,210. 

At the same time, 𝜀𝑃,111  remains at ~ 0.29% in the plastic regime. The FE predicted results are 

symmetrically larger than experimental values in the plastic region, which results from the load relaxation 

around precipitates as discussed later. Note that we do not consider such relaxation in the FE model.    

The representative micrographs of deformed specimens are shown in Figure 5. β shows strong interaction 

with dislocations. A large number of entangled dislocation and loops are observed around precipitates. 

Orowan bypass is likely to dominate the deformation. Large strain field is presented near precipitates 

[Figure 5(b)]. Mechanically, dislocation loops accommodate the plastic misfit between α and β, and lead 

to the internal stress observed by neutron diffraction (ND) in Figure 3. The magnitude of the plastic misfit 

is related to the spatial arrangement of these dislocation loops. Because of the high local stress produced 

in precipitates and nearby matrix, arrays of dislocation loops are not stable. The load relaxation process 

can occur through the rearrangement of these dislocations.  
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Discussions 

Based on the Eshelby model (see Supplementary), the mean stress on β in the loading direction, 〈𝜎〉𝑃,3, 

can be expressed as 

 〈𝜎〉𝑃,3 = 𝐸
7−5𝜈

15(1−𝜈2)
𝜀𝑃 (1) 

where E is the elastic modulus, 𝜈 is the Poisson’s ratio, 𝜀𝑃 is the overall plastic strain, and subscript “3” 

means the loading direction. According to Eq. (1), 〈𝜎〉𝑃,3 is linearly proportional to 𝜀𝑃. Taking E as 158 

GPa and 𝜈 as 0.3, it is predicted that 𝜎𝑃,3 ~ 64𝜀𝑝 (GPa). 

Based on the FE modeling, the stress on precipitates in the loading direction is plotted against the plastic 

strain in Figure 6(a). The stress quickly increases at the beginning, and then follows the linear relationship 

with the plastic strain. However, the slope is smaller than that predicted by Eq. (1), and varies as the 

function of the strain-hardening related parameter, h0 (Table 1). Since the matrix is plastically deformed 

and precipitates are in the elastic region, precipitates would resist being forced by the matrix. Given other 

conditions, the matrix with more pronounced strain-hardening rate (large h0) could force precipitates 

elastically deformed more efficiently (large plastic strain) as shown in Figure 6(a).  We conclude that the 

load transfer efficiency is not as high as that predicted by the Eshelby model, and depends on the strain-

hardening capability of the matrix. 

Microscopically, the lattice strain evolution shows strong dependence on the crystalline orientation 

(Figure 3). In order to understand the underlying reasons for such anisotropic behavior, 𝜀𝑃,ℎ𝑘𝑙 due to the 

plastic deformation is plotted against the plastic strain of the matrix in <100>-, <111>-, and <210>-

oriented grains in Figure 6(b). Two interesting points are worthy noticing. First, the plastic deformation is 

inhomogeneous among grains (<100>: 2.4%; <111>: 1.2%; and <210>: 2.3%). Note that the macro 

plastic strain for the test at 364 ℃ is ~ 1.4%. Second, the lattice strain increases rapidly at the beginning, 

and then follows the linear relationship against the corresponding plastic strain of the matrix. The slopes 

are ~ 0.40, 0.20 and 0.28 for <100>-, <111>-, and <210>-oriented precipitates, respectively. 𝜀𝑃,111, 𝜀𝑃,210, 

and 𝜀𝑃,100 becomes larger in order at the same matrix plastic strain. The fact can be explained by the 
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elastic anisotropic of precipitates. As stated above, <111> has the largest elastic diffraction constant, 

while <100> is the elastic soft direction. Precipitates in the stiff direction resist being pulled by the matrix. 

Both factors contribute to the anisotropic lattice strain evolution as shown in Figure 3. However, the 

stress on β (by roughly multiplying the lattice strain with the diffraction elastic constant) at the same 

matrix plastic strain in three orientation is quite close. 

As shown in Figure 4, the FE predicted lattice strains are systematical larger than the experimental results 

in <100>, <111>, and <210> directions at 506 ℃. Two origins are speculated: (1) the stress relaxation of 

β occurs through possible mechanisms, e.g., the interface sliding and diffusion, and local dislocation 

movement [3]; (2) β yields and loses the capability to carry further load. If the latter assumption holds, the 

strain hardening exponent in <100>-orientated precipitates would be ~ 0.5. However, it is much higher 

than the value (~ 0.1) reported by Pascoe et al. [23]. This suggests that load relaxation of β occurs during 

the holding.  

For the observed stress decay, the activation volume,  𝑣∗, can be described by [24] 

 𝑣∗ = √3𝑘𝑇 (
𝜕𝑙𝑛�̇�

𝜕𝜎
). (2) 

where k is the Boltzmann constant, T is the temperature, �̇� is the stress decreasing rate, and σ is the 

applied stress. See supplementary for details. The activation volume provides important information 

regarding possible deformation mechanisms [24-27]. 𝑙𝑛�̇� is plotted against 𝜎 for the first stress decay of 

both tests in Figure 7. At 364 ℃, the linear relationship between 𝑙𝑛�̇� and 𝜎 is well satisfied, and the 

activation volume is estimated to be ~ 183 b3, where b is the Burgers vector (b = 2.508 and 2.514 Å at 

364 and 506 ℃, respectively). The dislocation forest cutting might govern the deformation. The plastic 

strain induced by the dislocation movement offsets some elastic strain in α, and hence, part of the work 

hardening in α quickly disappeared. This is why 𝜀𝑀 remains constant after yielding as shown in Figure 3. 

However, two linear sections are observed in the 𝑙𝑛�̇� vs. 𝜎 plot at 506 ℃ [Figure 7(b)]. The activation 

volumes are estimated to be ~ 298 b3 from 467 to 456 MPa and ~ 109 b3 from 455 to 433 MPa, 

suggesting two distinct deformation mechanisms. Similarly, the dislocation forest cutting probably 
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dominates the initial stress decay from 467 to 456 MPa in the initial 45 seconds. Afterwards, dislocations 

around β possibly rearrange themselves with the activation volume of 109 b3 in order to reduce the plastic 

misfit between α and β. The thermally-activated dislocation rearrangement at 506 ℃ probably leads to the 

load relaxation observed in Figure 4.  

Concerning the creep deformation of particle-strengthened alloys and MMCs under a constant external 

stress, one scenario is that the load keeps transferring to stiff reinforcements, and the creep strain rate 

eventually approaches to zero upon the matrix reaching a uniform hydrostatic state as the creep proceeds 

[28]. As a matter of fact, it does not hold since the stress relaxation processes operate at high homologous 

temperatures.  

The load-carrying capability of β is probably limited during the creep deformation under expected service 

conditions in fossil-energy power plants. First of all, since the strain hardening of the matrix is small at 

high temperatures (≥ 650 ℃), the load-transfer efficiency itself is low, as discussed above. Next, the load 

relaxation processes probably dominate the creep deformation. The rate of stress relaxation is governed 

by many factors, e.g., the inclusion size and morphology, strain rate, and temperature. Rӧsler et al. [7] and 

Koeller and Raj [29] investigated the relaxation process by diffusion around reinforcements. The mass 

transport from compressed sides to sides under tension is arisen due to the presence of the normal stress 

gradients along the interface between the matrix and precipitates. They concluded that the diffusional 

flow is slow for large inclusions with a high aspect ratio. Experimentally, Nieh et al. [30, 31] 

demonstrated that Al/20 vol.% SiC whisker is more creep resistance than Al/30 vol.% SiC particulate at 

288 ℃ with the creep rate slower by one to two orders of magnitude. Tomota et al. [10] also reported that 

the plate-shaped cementite is more effective to carry load than the spherical particles in tensile tests of a 

hyper-eutectoid steel. In particular, the small lattice mismatch between α and β in FBB8 probably means 

weak interaction between dislocations and precipitates. Therefore, the stress relaxation around nano-sized 

spherical β could be severe. Huang et al. [17] performed in-situ creep study on FBB8 at 700 ℃ under 

neutron diffraction. They found that the lattice strains of both phases in the loading direction 

approximately keep constant in the range from 0.05% to 0.06%, and the magnitude of the lattice strain of 
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α is ~ 0.01% higher than that of β during the creep deformation at 107 MPa. It means that load does not 

continuously transfer toward precipitates in their study The presence of reinforcements could not be 

helpful, and even detrimental to the creep resistance considering that reinforcements cannot carry the 

larger share of load under certain conditions [32]. In order to avoid the strength reduction by the stress 

relaxation, consideration concerning the reinforcement shape, size, and lattice mismatch between the 

matrix and reinforcements for specific loading conditions is necessary. It is interesting to note that Rӧsler 

and Bäker [33] proposed the idea of dual-scale particle strengthening for the design of high-temperature 

materials by the combination of the dispersion strengthening and load-transfer strengthening.  

Methods 

A NiAl-strengthened ferritic alloy, designated as FBB8 (Fe-6.5Al-10Ni-10Cr-3.4Mo-0.25Zr-0.005B, weight 

percent), was investigated in this study. Ingots (~ 12.7 × 25.4 × 1.9 cm) were prepared by Sophisticated Alloys, Inc., 

using the vacuum induction melting. Hot isostatic pressing (1,200 ℃/103 MPa/4 h) was performed to minimize 

casting porosity. Specimens encapsulated into evacuated quartz tube were solution treated at 1,200 ℃ for 1 hour 

followed by air cooling, and then, aged for 100 h at 700 ℃. The average grain size is ~ 100 μm. 

Two threaded tension specimens with the gauge length of 41.28 mm and the gauge diameter of 6.35 mm were in-situ 

loaded in the vacuum environment at the Spectrometer for the Materials Research at Temperature and stress 

(SMARTS) of the Los Alamos Neutron Science Center at the Los Alamos National Laboratory. A detailed 

description of its experimental setup can be found in Ref. [34]. The sample temperatures, measured by 

thermocouples attached to specimens, were 364 and 506 ℃. The preload was ~ 10 MPa in both cases. The step-

loading method was used, and time-of-flight ND patterns from crystalline planes normal (axial) and parallel 

(transverse) to the loading direction were acquired by two sets of detectors with the counting time of 30 minutes. 

The ND spectrum represents the average information in the counting period. Only diffraction spectra from 

crystalline planes normal to the loading direction were analyzed in this study. The macrostrain was monitored by the 

high-temperature extensometer.  

The lattice constant, a, was obtained by the Rietveld refinement of the whole spectrum using GSAS [35], while the 

single-peak fitting procedures in GSAS was employed to determine the interplanar spacing (dhkl). Two kinds of 

lattice strains were calculated based on the results: (1) the average phase lattice strain of the matrix, defined as  𝜀𝑀 =



9 
 

𝑎−𝑎0

𝑎0
, where 𝑎0 is the reference lattice constant of the matrix before loading; (2) the {hkl} single-peak lattice strain 

of precipitates, defined as 𝜀𝑃,ℎ𝑘𝑙 =
𝑑ℎ𝑘𝑙−𝑑0

𝑑0
, where 𝑑0  is the reference interplanar spacing of {hkl} planes before 

loading. The subscript “M” stands for the matrix, and “P” for precipitates. In order to avoid artificial errors, we did 

not attempt to separate overlapped peaks considering the weak intensity of superlattice reflections from β. In this 

paper, the crystalline orientation is relative to the loading direction.   

TEM images were taken using a Zeiss Libra 200 model. The specimens were prepared through electropolishing in a 

Fischione twin-jet polisher followed by the ion milling with the voltage of 3.5 keV for about ten minutes. The 

electrolyte of 5 vol.% HCl in ethanol was used at room temperature, and the current was controlled to be 6 – 8 μA.  

The crystal-plasticity FE analysis was performed, using the commercial software Abaqus 6.11. The Abaqus user-

defined material (UMAT) subroutine by Huang [36] was used. Total 729 (9 × 9 × 9) randomly-oriented cubic 

grains are used in the model (see Supplementary Figure S1). Each grain consists of 64 elements and ten of them 

(eight in the center plus two outside) are set to be precipitates. Precipitates are set to only deform elastically. See 

Supplementary for more details.  
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